Hexagonal close-packed (hcp) metals such as Mg, Ti, and Zr are lightweight and/or durable metals with critical structural applications in the automotive (Mg), aerospace (Ti), and nuclear (Zr) industries. The hcp structure, however, brings significant complications in the mechanisms of plastic deformation, strengthening, and ductility, and these complications pose significant challenges in advancing the science and engineering of these metals. In hcp metals, generalized plasticity requires the activation of slip on the pyramidal planes, but the structure, motion, and cross-slip of the associated c + a dislocations are not well established even though they determine ductility and influence strengthening. Here, atomistic simulations in Mg reveal the unusual mechanism of c+a dislocation cross-slip between pyramidal I and II planes: cross-slip occurs by cross-slip of the individual partial dislocations. The energy barrier is controlled by a fundamental step/jog energy and the near-core energy difference between pyramidal c + a dislocations. The near-core energy difference can be changed by non-glide stresses, leading to tension-compression asymmetry and even a switch in absolute stability from one glide plane to the other, both features observed experimentally in Mg, Ti and their alloys. The unique cross-slip mechanism is governed by common features of the generalized stacking fault energy surfaces of hcp pyramidal planes and is thus expected to be generic to all hcp metals. An analytical model is developed to predict the cross-slip barrier as a function of the near-core energy difference and applied stresses, and quantifies the controlling features of cross-slip and pyramidal I/II stability across the family of hcp metals.
Introduction
Plastic deformation of crystalline materials occurs mainly by slip along low-index atomic planes. Slip regions are bounded by line defects called dislocations, 1 which are characterized by the crystallographic slip increment known as the Burgers vector b and the local line direction ξ. The transition from slipped to unslipped regions is resolved at the atomic scale by local atomic rearrangements creating a dislocation "core" structure. Slip occurs by motion of this core, and the surrounding elastic fields, as driven by an applied stress. Plasticity is thus controlled by the details of the core region, which differ significantly among face-centered cubic (fcc), bodycentered cubic (bcc), and hexagonal close-packed (hcp) metals. 2 The motion of the dislocation core is usually confined to glide within the slip plane defined by the normal vector n = b × ξ.
Screw dislocations have b × ξ = 0, however, and so do not have a unique slip plane and can therefore "cross-slip" among glide planes that share a common Burgers vector. Cross-slip is a crucial process in plasticity, acting to spread slip spatially on multiple non-parallel planes and to enable dislocation multiplication and annihilation processes; all of these processes affect ductility and ultimate strength of the material. While the atomistic mechanisms, energy barriers and rates of cross-slip are well-established in cubic metals (see Ref. 3 ), the mechanisms in hcp metals are not well-known and are under active study, 4, 5 especially for the technologically important metals Mg, Ti, and Zr.
In hcp metals, only c + a dislocations, existing on the Pyramidal (Pyr.) I and II planes 2 This is a post-print of the following article: Wu, Z.; Curtin, W. A. Proc. Natl. Acad. Sci. USA 2016, 113 (40) , 11137-11142.. The final publication is available at http://dx.doi.org/10.1073/pnas.1603966113 © Z. Wu and W. A. Curtin, 2016. All rights reserved.
(see Fig. 1a ), enable plastic slip in the c direction. The c + a dislocations are thus essential to achieving generalized plastic flow and, consequently, high ductility and strength. Moreover, experiments demonstrate that the activation of c + a cross-slip has strong effects on plastic flow evolution and strengthening of hcp metals . [6] [7] [8] [9] Frequent cross-slip of c + a dislocations can occur in early stage, room temperature deformation. [9] [10] [11] [12] [13] However, the propensity and nature of c + a cross-slip differ among different materials, and can also depend on the applied stress and temperature in the same material 10, [14] [15] [16] [17] [18] [19] (see Fig.2 ). The range of observed behavior arises in part because, unlike fcc and bcc metals where cross-slip is possible among equivalent slip systems, cross-slip of c + a dislocations can only occur from the structurally different Pyr. I and Pyr.
II plane or vice-versa. Although c + a dislocation core structures are emerging 20, 21 and elastic analyses can help identify which slip system is energetically favorable, 22, 23 there are no studies, criteria, nor mechanisms to rationalize, much less predict, the material, stress, and/or temperaturedependence of cross-slip behavior for the critical c + a slip in hcp metals.
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./pyr_schem_gamma-crop.pdf faults under full atomic relaxation. The energies are calculated using the MEAM potential for Mg. 25 Here, we study the mechanism, energy barrier, and stress dependence of the c + a screw dislocation cross-slip between Pyr. I and II planes in Mg using the nudged elastic band 51, 52 (NEB) method with a density functional theory (DFT) validated empirical potential. 25 We identify a new mechanism of cross-slip, show that the key features enabling this mechanism are common across hcp metals, and develop an analytical model to predict c + a dislocation cross-slip behavior. The insights and model rationalize the experimentally observed behavior noted above (see also Fig. 2 ), and provide a framework for design of improved hcp alloys.
Results
In Mg, the c + a screw dislocations dissociate into a pair of partial dislocations of primarily pure screw character separated by a stacking fault, for both Pyr. I and II planes. 20, 21, 25 These dissociations are consistent with the positions of the metastable stacking faults on the generalized stacking fault energy (γ) surfaces 53 of the two pyramidal planes as calculated by both DFT 20, 23 and MEAM 25 (see Figs. 1 b and c, and SI). The dissociated structure leads to a new cross-slip mechanism, which is revealed by computing the transition pathway for a screw dislocation to move back and forth between Pyr. I and Pyr. II planes. Figure 3a shows the atomic configurations along the minimum energy path (MEP) for cross-slip from Pyr. II onto Pyr. I under stress-free conditions.
The cross-slip process has three distinct stages: nucleation, propagation and annihilation. Cross-slip between Pyr. I and II planes thus leads to a net change in total dislocation energy, which influences the cross-slip energy barrier. For Mg, our simulations show that the c + a screw dislocation has a lower energy on the Pyr. II plane as compared to the Pyr. I plane. The energy difference is small, ∼30 meV/nm, but has a crucial effect on cross-slip: the energy barrier for cross-slip of a dislocation segment depends on the segment length. To illustrate this feature, we perform NEB calculations for 3 different dislocation lengths (l=146, 219, 292Å) under stress-free conditions. Figure 3b shows the atomic configurations along the MEP for a longer length, demonstrating that the underlying three-stage process is length-independent. However, the energies along on the along the path in terms of the replica coordinate x, i.e.,
In Stage 1 (nucleation, 0<d<17), there is a sharp rise in energy that is similar for all three lengths ( ../../../pic/tex/neb_pyii_pyi/comb_all-crop.pdf The near-core energy difference per unit length (E I − E II ) between Pyr. II and I dislocations can, however, be changed by applied non-glide stresses through interactions with the dislocation cores and stacking faults, with a possible Escaig-stress effect 56 on the small edge components of the Pyr. I partials. In contrast, σ yy has little effect on ∆G I−II . Therefore, tensile σ yy increases the net rate of crossslip onto Pyr. I while not affecting the rate of the reverse process. This normal-stress dependence of the near-core energy difference and its influence on cross-slip is the third main result of this paper.
Our atomistic analyses were executed on Mg, due to the existence of a well-validated interatomic potential. But the observed phenomena and mechanisms are expected to be common to hcp metals. Firstly, for hcp Mg, Ti, Zr, Co, Cd, and Zn, both the Pyr. I and Pyr. II γ-surfaces show the existence of metastable fault vectors generally aligned with the c + a Burgers vector [57] [58] [59] (see Fig. S2 and SI). These fault vectors are largely dictated by crystal symmetries. Pyr. I and Pyr. II near-core energies are also generally different, so that the asymmetry in cross-slip is also expected. Finally, experimental observations indicated that relative stability between Pyr. I and II can change with loading (see Fig. 2 ), consistent with a dependence of near-core energies on non-glide stresses.
In spite of the difficulty of cross-slip under zero glide stress, cross-slip can be facilitated by resolved shear glide stresses on the cross-slip plane. So, when a dislocation on the primary slip plane is pinned by other metallurgical features (precipitates, solutes, forest dislocations) such that local screw segments on the primary plane experience resolved shear stress below their Peierls stresses, resolved shear stresses above the Peierls stress can still exist on the cross-slip plane. This shear stress provides a driving force that reduces the energy barrier for cross-slip. Incorporating all mechanistic factors, we can develop a general analytical model for pyramidal dislocation crossslip in hcp materials as follows. Because the Pyr. I and II dislocations glide readily at low applied stresses at room temperature, we use a line-tension framework and study a configuration with a cross-slipped segment bowing out on the cross-slip plane, as shown in Fig. 5a (see SI). For cross-slip between two structurally different planes, the cross-slip energy barrier has a number of contributions,
where E s is the intrinsic energy associated with the jogs/steps connecting the cross-slipped and uncross-slipped dislocation segments (corresponding to stage 1 or stage 3), ∆E(σ) is the stressdependent near-core energy difference between the two glide planes, l is the chord length of the putative cross-slipped dislocation, T is the line tension, ∆s is the additional dislocation line length due to bow-out, τ is the resolved shear stress on the cross-slip plane, and A is the area swept by the dislocation during the bow-out. Crucially, the work done by the applied stress, the last term in Eqn. 1, can overcome the length-dependent near-core energy difference that prohibits cross-slip at zero stress.
At stress τ , the cross-slipped segment can expand unbounded if it can reach a critical length l c determined by ∂∆G/∂l = 0. Approximating the bow out geometry as circular arc with arc length s and area A (see SI) gives l c as
Inserting l c into Eqn. 1 yields the activation barrier for nucleating onto the cross-slip plane. The result is not analytic and so we show a numerical example below. In general, however, increasing the shear stress on the cross-slip plane makes both the critical length l c and the activation energy barrier smaller, increasing the rate of thermally-activated cross-slip.
../../../pic/py/energy_barrier/combine_e_schem_2-crop.pdf As a concrete example relevant to Mg, we use atomistically-derived values E s = 0.23 eV and ∆E(σ) ( Fig. 4a) , and approximate T = 0.5µb 2 where µ is the shear modulus. The cross-slip energy barrier ∆G as a function of l versus applied shear stress τ is shown in Figures 5b ; the critical length l c and energy barrier correspond to the maximum value of ∆G at each stress value.
The barrier cannot decrease below E s , but even at moderate stresses (∼80 MPa), the barrier is not significantly higher (∼0.35 eV) and at an accessible nanoscale length (l c ≈ 7 nm). Thus, crossslip from Pyr. II to Pyr. I can become quite frequent under conditions typical of Mg processing and/or applications. Easy cross-slip thus also makes it difficult to experimentally determine the primary/dominant slip plane. 13 Moreover, Figure 5c shows the activation energy versus resolved shear stress τ for a range of them arise due to differences in Pyr. I and Pyr. II stacking fault, core, and jog/step energies, and their dependencies on non-glide stresses. For Ti, c + a slip on Pyr. I is more common, indicating that the Pyr. I screw has lower energy than the Pyr. II screw; this is consistent with our DFT calculations showing the metastable stacking fault energy on Pyr. I to be less than half of that on Pyr. II planes. However, c + a cross-slip is frequently observed in Ti and Ti alloys at high temperatures or under a/c-axis compressive loadings (see Fig. 2 ); this indicates that both the energy difference E I − E II and the cross-slip activation energy barrier ∆G I−II are relatively low in Ti and can be modified by stresses in the same way as found here for Mg. Furthermore, the high flow stresses in Ti alloys may also help reduce the cross-slip activation energy barrier for cross-slip onto Pyr. II planes. In fact, new experiments, using micro-cantilever bending 9 to induce both tension and compression in the same sample under the same conditions, clearly show Pyr. I slip in tension but wavy Pyr. I+II slip in compression. In contrast to Mg and Ti, c + a cross-slip is not common in hcp metals like Zn, Cd and Zr, nor is there evidence of any switch in dominant slip system between Pyr. I and Pyr. II (see Fig. 2 ). This indicates that the difference in Pyr. I
and II dislocation near-core energies and/or the step/jog energy are relatively larger in Zn, Cd, and Zr, and thus with larger energy barriers, but the mechanisms should remain the same since their γ-surface profiles are similar to those of Mg and Ti (see SI).
Our analysis shows that the cross-slip frequency and relative stability depend on the nearcore energy difference between Pyr. I and II screw dislocations. This suggests that alloying with solutes, which interact with the dislocation cores and stacking faults, can shift the nearcore energy difference and, therefore, shift the relative stability of Pyr. I and II and change the frequency of cross-slip. Indeed, experiments show that the dominant slip system (and thus the cross slip) is influenced by alloying in Mg and Ti (see Fig. 2 ). This further suggests that precise solid solution alloying could maximize/optimize cross-slip in Mg and Ti to achieve a desired evolution of plasticity. Of course, such alloying will have many other effects such as strengthening of all the various hcp slip systems, so that optimization is multi-dimensional. For Mg, with other strategies aimed at enhancing c-axis strain capacity under active research 61 
Supporting Information Simulation cells and boundary conditions
In anisotropic linear elastic medium, the displacement field u of a straight Volterra dislocation with Burgers vector b can be obtained using the Stroh formalism. 1, 23 The Volterra solution u is completely determined by the Burgers vector and the elastic stiffness tensor of the material, independent of the dislocation core relaxation or dissociations. For a dislocation in real materials, the displacement field u near the core region is further modified due to core dissociation and relaxation beyond linear elasticity, while in the far field, the Volterra solution is accurate. In atomistic simulations of finite sizes, to simulate an isolated dislocation in an infinite elastic medium, all atoms are first displaced according to the Volterra solution u, followed by a relaxation process where atoms within 2 × the cut off distance (2r c , see as boundary conditions for all replicas in subsequent NEB calculations. Dislocations of different lengths are created by replicating the cell in the z-direction.
Pyramidal γ-surface of hcp metals
The γ-surfaces of Pyr. I and II planes are calculated for a total of six hcp metals using available interatomic potentials, as shown in Fig. S2 . The positions and energies of metastable stacking faults are obtained under full atomic relaxation. Among all the cases, the minimum energy path and the position of metastable stacking faults are similar. Therefore, in these metals c + a dislocation dissociations on Pyr. I and II planes are expected to be similar to that shown for Mg.
We note that these interatomic potentials use various different formalisms (MEAM, EAM, Bondorder), yet they exhibit similar features in the calculated γ-surface profiles. In addition, DFT calculations 23 show qualitatively similar results. All these suggest the general features of the γ-surface are strongly dictated by crystal symmetry while the details of atomic bonding influence the fine positions and energetics of these features.
Effect of non-Schmid stresses on dislocation energy and cross-slip barriers
The effects of non-Schmid stresses σ xx and σ xy on dislocation energy and cross-slip barriers are calculated and shown in Fig. S3 . Tensile σ xx increases the energy difference, making Pyr. II more favorable relative to Pyr. I; compressive σ xx has an opposite effect. In terms of tension v.s.
compression, the effects of σ xx is opposite to that of σ yy , as expected. In contrast, σ xy decreases the energy difference and makes cross-slip easier, independent of the direction of shear. At σ xy ≈ ±250 MPa, Pyr. I and II planes are equally favorable and the activation energies for cross-slip from Pyr I to II and vise versa are the same and equal to the jog/step energy, ∼0.23 eV (see Fig. S3 ).
Slip can thus occur on both planes and cross-slips are expected to be very active at temperatures higher than 77 K. The relative slip activities between Pyr. I and II planes then depend on the Schmid stresses and the mobilities of the c + a dislocations on these two planes. In addition, a metastable structure is found at σ xx = 250 MPa and σ xy = ± 125 MPa. This metastable structure reduces the activation energy barrier for cross-slip from Pyr. I to II planes to ∼ 0.1 eV and makes
Pyr. I dislocation less stable.
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